For almost a century now the phenomenon of stress corrosion cracking (SCC) has intrigued many but still continues to excite scientific controversy. This process can cause catastrophic failure in normally ductile alloys and is of serious engineering concern. Of particular importance is the case of transgranular (T) SCC of the otherwise ductile face centered cubic metals and alloys since they are characterized by high dislocation velocities and as such are expected to be responsive to applied stresses. In contrast to intergranular SCC which advances by anodic dissolution of the grain boundaries, T-SCC proceeds by a cleavage-like fracture. This paper describes some of the current T-SCC mechanisms that have been invoked and presents in more detail the environment-induced deformation localization mechanism.
INTRODUCTION
Stress corrosion cracking (SCC) is an embrittlement phenomenon produced by a surface and subsurface interaction between the environment and the applied stress. This process can lead to sudden catastrophic failure in a large number of materials ranging from conventional and advanced alloys to intermetallics and is of serious engineering concern and significant academic interest. Environment-assisted cracking processes are responsible for about thirty percent of all corrosion failures, including many of the most dramatic and expensive failures. The reasons that normally ductile metals and alloys can fail in an essentially brittle manner when exposed to particular environments at relatively low stresses have intrigued many researchers for almost a century. Fundamental and mechanistic aspects of SCC have been discussed at recent symposia on the subject [1] [2] [3] , In spite of all the intensive investigative effort the last century or so and the significant progress in understanding this phenomenon, there is still no broadly accepted SCC mechanism at the moment and the ones proposed are still under controversy.
Examining these phenomena from the crack path point of view, they can be divided into intergranular (I) and transgranular (T) SCC. In I-SCC cracks initiate and propagate along the grain boundaries of the material. Grain boundaries contain more structural defects and consist segregation sites for impurities, thus are prone to selective anodic dissolution that can be further promoted by grain boundary slip. Currently, a consensus exists that in most cases I-SCC takes place under a preferential dissolution mechanism. On the contrary T-SCC is believed to occur by environmentally-induced cleavage but the way the environment produces cleavage is not well understood. Several mechanisms have been proposed to explain this type of embrittlement but they all fall short at the moment in receiving a broad acceptance.
Of particular interest is the case of T-SCC in face-centered cubic (fee) metals and alloys since they are very responsive to stresses due to their multiple slip systems and high dislocation velocities. However, SCC studies on fee systems such as aluminum alloys [4, 5] , austenitic stainless steels [6, 7] , Cu-Zn [6, 8] and Cu-Au alloys [9] show evidence that T-SCC occurs by a discontinuous cleavage-like fracture. It is interesting to note that as has first been shown by Meletis and Hochman [6, 10, 11] , similar cleavage-like fracture can be even produced in pure Cu tested in NaN0 2 solutions. The purpose of this paper was to summarize some of the current proposals on stress/environment interactions leading to embrittlement and highlight some of our current results and thinking on T-SCC of fee metals and alloys.
PHENOMENOLOGY OF T-SCC
An important element of the T-SCC phenomenology in all crystal systems is the crystallographic nature of cracking [6] and this subject has been reviewed previously by Meletis and Hochman [12] . In fee systems, T-SCC initiates along active {111} slip bands emergent on the material's surface. Once nucleated, cracks change direction and propagate on a different crystal plane. For non-ferrous materials such as α-brass [6] , Cu 3 Au [9] and pure Cu [6] , cracks advance on {011} whereas in austenitic stainless steels cracking primarily occurs on {001} [6] , All fracture surfaces consist of parallel and relatively smooth crystallographic facets separated by crystallographic steps that also show undercutting. In non-ferrous systems the crystallographic steps lie on alternating {111} segments vertical to the {011} microfacets, whereas in austenitic stainless steels the step walls follow {001} planes. Recently, some evidence has been provided suggesting that {111} steps can also occur in austenitic stainless steels and that even the fracture surface is composed of alternating {111} segments that produce an overall {001} orientation [13] , Eventhough some additional evidence is required to establish the latter point, the fact remains that T-SCC is crystallographic. Figure 1 presents typical morphology of cleavage-like facets. Acoustic emission [14] and electrochemical transient [14, 15] studies have shown that crack propagation is discontinuous, and mating fracture surfaces are matching and interlocking [6, 12] , Also, crack-arrest markings (CAM) are usually observed on the fracture surfaces, and have been correlated to the discontinuous nature of crack propagation [16] , During this process, the crack advances for a limited distance and then the crack tip becomes progressively blunted by plastic deformation leaving CAM on the surface. Even though the overall crack velocity is small (~10 7 m/s) the individual crack jump events are believed to occur near the velocity of normal cleavage cracks (close to the velocity of elastic waves in the solid). In essence the observed overall crack velocity corresponds to the arrest period, during which the stress/environment interaction occurs. All this physical evidence suggests that cracking occurs by a micro-cleavage process.
The deformation mode seems to play an important role in the embrittlement process, and early reports [17, 18] indicated a strong correlation between T-SCC susceptibility and the stacking fault energy (SFE) of the material. Another indication that a strong mechanical factor is involved is that for example, for both fee and body-centered cubic (bcc) metals the T-SCC planes ({011} and {001}, respectively) bisect their respective slip planes [12] , Also, earlier studies showed that the presence of the SCC-causing environment produces a much higher dislocation density at the near-surface region [19] [20] [21] [22] , and cracking occurs when the dislocation density reaches a critical value (about 6x10 11 cm" 2 for Naval brass) [20] , The latter aspect was confirmed by transmission electron microscopy (TEM) studies conducted to characterize the damage substructure of 304 stainless steel [23, 24] and α-brass and pure Cu [25] tested for T-SCC. It was shown that besides higher dislocation densities, different dislocation configurations exist in regions near and away from the fracture surface. In the near-crack tip region, the deformation is entirely coplanar (Fig. 2 ) and homogeneous at larger distances. Thus, there seems to be an environmental influence on the dislocation behavior with the environment increasing the dislocation density but also localizing their configuration. 
CURRENT MECHANISMS OF T-SCC
A variety of mechanisms have been proposed within the last two decades to explain the T-SCC by micro-cleavage and their essential features are briefly described below.
Hydrogen-Assisted Cracking
Some fee alloys such as austenitic stainless steels and aluminum alloys, that are susceptible to T-SCC are also known to undergo conventional hydrogen embrittlement (HE). Thus, it is reasonable to advocate that T-SCC in these systems is due to hydrogen generated by the corrosion process and embrittlement is due to lattice decohesion or hydrogen-induced plasticity. Figure 3 (a) presents the basic steps occurring at the crack tip under an applied stress during a hydrogen-assisted cracking event as a result of the interaction between a discritized dislocation array at the crack tip and hydrogen [26, 27] , Under the stress field, hydrogen diffuses from behind the crack tip to the region of maximum triaxial stress and nucleates a crack when the hydrogen concentration reaches a critical value. Cracking occurs either due to the local reduction of the cohesive strength, the inhibition of dislocation motion in the hydrogen-enriched zone, or both. The generated microcrack arrests at a certain distance ahead of the main crack and then the process is repeated leading to discontinuous crack growth.
The concept behind the "hydrogen-induced plasticity model" is shown schematically in Fig. 3(b) [4] , Atomic hydrogen is absorbed at the crack tip weakening interatomic bonds and thus facilitating dislocation injection from the crack tip. Crack propagation occurs by ) hydrogeninduced plasticity model [4] , alternate slip which promotes the coalescence of cracks with small voids nucleated just in front of the crack. The attractive element of this mechanism is that it can predict high crack velocities in materials with low hydrogen diffusivities and is applicable to many environmentsensitive fracture phenomena (SCC, HE, corrosion-fatigue and liquid-metal embrittlement). A different route is followed by the "hydrogen-induced cleavage model" developed by Jani et al. [24] based on TEM observations of dislocation configurations from areas close (environmental interaction) and away (no interaction) from the crack tip. Under an applied stress, hydrogen diffuses in front of the crack tip and causes a reduction of the SFE in this region and formation of super sessile Lomer-Cottrell locks (LCLs) that lie on {001} planes. The LCLs act as obstacles to glide of dislocations on the two original slip planes (primary and secondary slip planes) causing dislocations to pile-up against the locks resulting in extremely high stresses. These stresses are directed normal to (100) on which the lock lies, and at a critical value, given by the Griffith criterion, the (100) ahead of the crack will cleave and join up with the pre-existing crack, Fig. 4 .
Film-Induced Cleavage
The concept of the "film-induced cleavage" model proposed by Sieradzki and Newman [14] can find its origins in earlier work by Edeleanu and Forty [28] , It advocates that a brittle crack can be nucleated in a thin surface film and can attain a velocity sufficient to advance, as a cleavage crack, for a few micrometers in the underlaying substrate, Fig. 5(a) . Then, the crack becomes progressively blunted by plastic deformation, the film is reestablished and the propagation stage is repeated, Fig. 5(b) . The film can be a dealloyed layer (for example a Cu-rich layer in Cu-Zn alloys), an oxide or a nanoporous layer and its rate of formation and cracking is essential to the embrittlement process. Atomic modeling studies [14] have shown that films with appropriate properties can trigger a ductile-brittle transition in the substrate, with crack arrest due to dislocation emission. «itit ooooooggooo o0 OOO q0 Q Fig. 6 Events involved in the surface mobility mechanism. Vacancy injection at the highly stressed crack tip and crack advancement by one interatomic distance by atomic surface diffusion from the crack tip to new lattice sites, A->B->C->D [29] ,
Surface-Mobility Mechanism
The "surface mobility mechanism" proposed by Galvele [29] is an attempt to explain all forms of environment-assisted cracking. According to the model, an atom at the crack tip can be transported by surface diffusion from its original highly stressed site to a site on the crack walls that are under a lower stress state. For every such event the crack advances by one interatomic spacing, Fig. 6 . The mechanism can be modeled to produce a proportional relationship between the crack velocity and the surface self-diffusivity of the metal. The role of the environment is mainly to produce a surface contaminant layer and to increase the selfdiffusivity on the surface near the crack tip. The mechanism is supported by direct correlation between crack velocity and melting point (diffiasivity) of the surface contaminant formed at the crack surface as a result of the exposure to the environment.
Corrosion-Assisted Cleavage
The "corrosion-assisted cleavage model" was proposed by Lichter and Flanagan [9, 30] to account for cracking in Cu-Au and Cu-Zn alloys. Their model assumes that a stable pile-up forms against a LCL, followed by dissolution along this activated slip plane and creation of a dog-leg crack. As this crack grows changes the stress state at the LCL, resulting in the build-up of stresses causing it to fail forming a (011)<001> crack, Fig. 7(a) .. The role of the environment is to lower the critical stress intensity (Ki C ) by "breaking" of crack-tip bonds. This process causes Kic to be below (required for dislocation motion and blunting) leading to embrittlement, Fig. 7(b) . Many parallel but not coplanar cracks are initiated. The nucleated cracks stop growing when the local stress intensity drops below K R as the cracks grow mainly due to ligament formation. The onset of ligament shear, assisted by anodic dissolution, allows the stress intensity at the microcrack tip to rise and crack growth commences when it reaches a value above Κ i C . 
Corrosion Enhanced Plasticity
This model by Magnin and coworkers [7, 31] was developed mainly from T-SCC studies in austenitic stainless steels. The following steps can be envisioned for this model as shown schematically in Fig. 8(a) : (i) Anodic dissolution takes place on the {111} slip plane at the crack tip; (ii) Localized shearing on these planes (dislocation injection) is favored by dissolution and adsorption; (iii) Emitted dislocations will interact with obstacles near the surface (precipitates, grain boundaries, pre-existing dislocations or LCL) producing an enhanced plasticity zone blocked by a previous hardened zone. This process forms pile-ups increasing the local stress; (iv) If the obstacle is strong the local Ki C can be reached which is reduced due to absorption and an embryo crack will form by a Stroh mechanism; (v) The decohesion energy of the {111} is reduced due to absorption and the normal stress to these Fig. 8 (a) Illustration of the different stages of the corrosion enhanced plasticity model [7] ; (b) Alternating {111} stress-corrosion microfacets produced in austenitic stainless steel [31] , obstacles enhanced plasticity hardened region crack's embryo planes can be sufficient to open the crack producing {111} microfacets. Dislocation emission on asymmetrical planes versus a general crack plane is shielding the crack tip. In mixed I/II mode, this process is expected to lead to regular changes of crack planes producing a zig-zag microcracking on alternating {111} or {001} facets, Fig. 8(b) .
Environment-Induced Deformation Localization
The "environment-induced deformation localization" (EEDEL) mechanism is based on the previous phenomenology of T-SCC, our TEM observations of dislocations in front of the crack tip [24, 25] and recent experimental evidence from T-SCC initiation studies [32, 33] , In the latter work, T-SCC studies were carried out on smooth and flat α-brass surfaces with the intention to prolong the lifetime of the stress/environment interaction stage and capture its occurrence. The nucleation and evolution of deformation patterns in the SCC environment and laboratory air were characterized by measuring the slip band spacing (SBS) and slip band height (SBH) as a function of strain. The presence of the SCC-causing environment during straining was found to promote localized plastic deformation at the near-surface region by exhibiting small SBS and large SBH. More importantly, this deformation pattern was entirely different from that developed in laboratory air, Fig. 9 . The amount of localized strain developed at the near-surface region prior to nucleation of transgranular stress corrosion cracks was found to be equivalent to strain required for ductile fracture in air, consistent with the existence of a fundamental fracture criterion. In the presence of the environment, localized surface plasticity and crack nucleation occur at loads well below those required for normal bulk yielding. Also, a periodicity is exhibited by the crack initiation process. In view of the evidence on deformation patterning the EIDEL mechanism advocates the following steps regarding the crack nucleation process:
(i) The dissolution process in the T-SCC environment can occur via the development and motion of a rugged reaction front, Fig. 10(a) . As early studies by Wagner [34] showed, such geometrical instabilities can develop along a planar interface and grow exponentially with time. Thus, the specificity of the T-SCC causing environment can be attributed to its ability to develop this patterning in the local corrosion process. Recent application of a theory describing morphological instability phenomena [35] to dissolution, also predicts the development of patterning in the mobile interface.
(ii) The nonuniformity (periodicity) in the corrosion process is expected to produce the observed periodicity and localization of the slip process, Fig. 10(b) . Subsurface vacancies produced by the dissolution process are expected to reduce the interatomic bond density at the near-surface region, resulting in local dislocation nucleation and motion at loads well below those required for normal yielding. A higher vacancy concentration is expected at high corrosion penetration sites (maxima along the dissolution front), Fig. 10(a) , favoring dislocation generation and slip band development at these sites, Fig. 10(b) . Thus, a direct influence by the corrosion process on the development of the deformation pattern is expected. The proposed environmentinduced dislocation nucleation process is illustrated in Fig. ll(a) -(e). The localization in the dislocation patterning (co-planar arrays exhibiting small SBS and large SBH) can be attributed to a vacancy-dislocation interaction process as we have previously described [25] , (iii) As the process of environment-induced dislocation emission at the near-surface region continues, dislocations pile-up in the environment-affected surface layer. At the initial relatively low stress levels, dislocations are prevented from moving deep into the material (beyond the environment-affected layer) and local strain hardening is produced. 
80000000
When the sum of the externally applied stress and the local stress from the accumulated dislocations reaches a critical level, decohesion and cracking along the {111} slip plane occurs, Fig. 11 (f). Our calculations show that the number of dislocations accumulated prior to crack initiation are consistent with those required for fracture by a pile-up as predicted by Stroh [37] , (iv) After initiation, the environment-induced dislocation emission process at the crack tip can be facilitated on more than one {111} slip planes modifying the local stress field and causing cracking on an overall {011} orientation, Fig. 12 . It is possible that at the atomic level the microfracture process can proceed simultaneously on several activated slip planes producing a fracture surface that is composed of alternating {111} segments, Fig. 12 . The extent of this faceting is expected to depend on electrochemical and mechanical parameters. The same basic mechanism of T-SCC initiation can account for the {111} crystallographic steps separating parallel but non-planar {011} SCC facets.
The EIDEL mechanism proposed here has some similarities but also some fundamental differences with the previous models. Under the EIDEL mechanism the role of the environment is two-fold. First, to induce dislocations in the near-surface region of the material even in the "elastic" region and second to localize the configuration of dislocations. This latter aspect can explain for example, the dependence of T-SCC susceptibility on SFE and can account for the observed T-SCC in pure Cu and other high SFE materials. On the contrary most of the previous models do not explain the occurrence of T-SCC in pure Cu and high SFE materials nor do they explain the observed localized co-planar dislocation configurations in the near-surface region or the crack tip.
CONCLUDING REMARKS
Transgranular stress corrosion cracks can propagate in ductile face-centered cubic materials by a micro-cleavage process. Crack initiation occurs on {111} slip planes but then cracks change direction and propagate on either {011} or {001} facets for non-ferrous and ferrous materials, respectively. Slip band traces are evident on the fracture facets and the possibility exists that the fracture facets are composed of {111} planes. Several variations and ideas exist for the operating cracking mechanism but no single proposal can explain all instances of T-SCC. Previous evidence indicates that a strong mechanical factor is involved in this type of embrittlement phenomena. Thus, the study of the nucleation and evolution of deformation patterns occurring during T-SCC can produce new alternatives for addressing the nature of the embrittlement process. The environment-induced deformation localization mechanism is the outcome of such an effort. It is expected that further investigation of this subject would have a lot to offer towards understanding this long standing problem.
